
Abstract The functional properties of magnetic tun-

nel junctions are critically dependant on the nanoscale

morphology of the insulating barrier (usually only a

few atomic layers thick) that separates the two ferro-

magnetic layers. Three-dimensional atom probe anal-

ysis has been used to study the chemistry of a magnetic

tunnel junction structure comprising an aluminium

oxide barrier formed by in situ oxidation, both in the

under-oxidised and fully oxidised states and before and

after annealing. Low oxidation times result in discrete

oxide islands. Further oxidation leads to a more con-

tinuous, but still non-stoichiometric, barrier with evi-

dence that oxidation proceeds along the top of grain

boundaries in the underlying CoFe layer. Post-depo-

sition annealing leads to an increase in the barrier area,

but only in the case of the fully oxidised and annealed

structure is a continuous planar layer formed, which is

close to the stoichiometric Al:O ratio of 2:3. These

results are surprising, in that the planar layers are

usually considered unstable with respect to breaking up

into separate islands. Analysis of the various driving

forces suggests that the formation of a continuous layer

requires a combination of factors, including the strain

energy resulting from the expansion of the oxide dur-

ing internal oxidation on annealing.

Introduction

Magnetic tunnel junctions (MTJs) display tunnelling

magnetoresistance (TMR) and thus have applications

in a range of novel spin-electronic devices, including

magnetic sensors and solid-state memory [1]. The

TMR phenomenon arises because of the difference in

magnitude of the spin-dependent electron tunnelling

across a nanoscale insulating barrier as a function of

the relative orientation of the magnetisation in two

ferromagnetic layers [2, 3]. Numerous materials have

been studied as candidates for the insulating barrier,

including AlN [4], MgO [5] and Hf oxide [6], but the

most widely used barrier material is aluminium oxide.

Since it is difficult to obtain a uniform oxide layer

directly by sputtering, aluminium oxide layers are

formed by deposition of a thin Al layer (down to a few

monolayers thick) followed by in situ oxidation using

one of several methods including natural oxidation and

plasma oxidation [7].

The morphology and composition of the oxide bar-

rier and the barrier/ferromagnet interfaces play a

major role in determining the properties of TMR de-

vices. The magnitude of the spin polarisation within the
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ferromagnetic layers adjacent to the tunnel barrier

layer is an important factor in the TMR achieved [8],

and this will be influenced by intermixing at the oxide/

ferromagnet interface. Variations in the barrier width

or in barrier height across the tunnel junction structure,

arising because of variations in oxidation state of the

Al, can lead to tunnelling only through small regions of

the barrier [9, 10]. Indeed, a barrier structure with

significant contacts between the FM layers (usually

termed ‘pinholes’) might be expected not to show the

characteristics of electron tunnelling. However, Rab-

son et al. have shown that structures with barriers

containing pinholes can exhibit TMR and show the

expected exponential decrease in tunnelling current

with increase in barrier width [11].

Characterisation of the microstructure of tunnel

barriers has been carried out using a number of tech-

niques including high resolution electron microscopy

(HREM) [12, 13], electron energy loss spectroscopy

[14], X-ray techniques [15], and Fourier transform

infrared spectroscopy [16]. However at these sub-

nanometre thicknesses it is extremely difficult to visu-

alise tunnel barriers experimentally and therefore the

process by which the barrier is formed remains poorly

understood. In the current work we have used three-

dimensional atom probe (3DAP) analysis [17, 18] to

analyse a simple MTJ structure with atomic resolution,

in order to study the chemistry and morphology of the

tunnel barrier and to elucidate the mechanisms of

barrier formation. 3DAP and HREM data on the early

stages of oxidation of the barrier have been presented

previously [19]. In this paper we are able to add data

on fully oxidised samples before annealing, and so

elucidate the later stages of oxidation and subsequent

annealing. Together with the previous data, which is

reproduced here for convenience, we are able to pro-

vide a complete survey of the different stages of oxi-

dation, and thus present a discussion of the

mechanisms that lead to the formation of a continuous

barrier in a TMR device.

Experimental details

The samples analysed were unpinned magnetic tunnel

junction structures consisting of //seed/CoFe6 nm/

Al0.6 nm (oxidized)/CoFe3 nm/cap. The samples were

grown by DC magnetron sputter deposition (base

pressure ~1 · 10–7 Pa) and the substrates used were

low resistivity Si (100) wafers held at approximately

room temperature. The surface of the Si had been

etched to provide a thin amorphous Si layer on which

the seed was deposited, so as to avoid any potential

problems with epitaxy on the crystalline Si wafer. The

tunnel barrier was formed by in situ natural oxidation

(oxygen pressure kept constant). A range of oxidation

times were studied, of which two have been chosen for

inclusion in this paper: that needed to produce fully

oxidized barriers (1.0 tox) and a shorter time (0.25 tox)

used to produce an under-oxidised barrier. The resul-

tant structures were analysed both in the as-deposited

state and after annealing at 250 �C for 4 h. Cross-sec-

tional HREM samples were prepared from the

film and examined in a JEOL 4000EX TEM with

point-to-point resolution of 0.18 nm.

Samples for 3DAP analysis are in the form of sharp

needle points, of approximately 50 nm end radius. The

Si substrates used for preparation of 3DAP samples

were patterned into posts prior to deposition [20].

After deposition and annealing, individual posts were

removed from the samples and sharpened using

focused ion-beam milling [21]. 3DAP analysis was

performed in an energy-compensated optical position-

sensitive atom probe [22] in a vacuum of ~5 · 109 Pa,

at a specimen temperature of 70–80 K. Analysis was

performed using either voltage pulsing with a pulse

fraction of 15% and a pulse repetition rate of 1500 Hz,

or femtosecond laser pulsing with a pulse repetition

rate of 10 kHz. Both voltage and laser pulsing was used

to analyse the fully oxidised, annealed material and

both yielded a Al:O ratio in the barrier of close to the

expected 2:3 stoichiometry.

Results

The overall development in the barrier with oxidation

and annealing can be seen by comparing the HREM

images of the under-oxidised, as-deposited sample and

the fully-oxidised, annealed sample, shown in Fig. 1. In

HREM images, the oxide regions appear pale, and

generally show the contrast which would be expected

from an amorphous oxide, being easily distinguished

from the darker metallic regions in which clear lattice

fringes are visible. However, partial oxidation has

resulted in the formation of a barrier region that con-

tained significant ‘‘pinholes’’ which connect the ferro-

magnetic layers on either side. In places the CoFe

lattice fringes extend across the barrier region, such as

the area marked out in Fig. 1a, which shows the con-

trast expected in a sample containing both metal and

oxide viewed in projection. The HREM for the fully

oxidised, annealed sample, Fig. 1b shows a continuous

barrier with a width of ~2 nm. Although the HREM

images show the changes in microstructure and also

give an indication of the extent of pinhole formation
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they do not give direct information about the compo-

sition in the barrier region.

Details on the 3-dimensional atomic-scale mor-

phology of the barrier and the variations in chemistry

within the oxide can be obtained from 3DAP analysis

of the films. The 3DAP data in Fig. 2 are shown as

isoconcentration surfaces drawn at a composition of

(Al + O) = 15 at.% and therefore show the three-

dimensional volumes within the data where the con-

centration is above this level. Also shown in Fig.2a–c

are two-dimensional composition maps from a

~0.35 nm thick slice running vertically through regions

of relatively high Al + O content, thus marking the

approximate plane of the barrier. The Al + O con-

centration in this slice is represented on a greyscale, in

which 0 at.% (Al + O) is shown as black and >15 at.%

(Al + O) as white. The data are displayed at an angle

so that the three-dimensional nature of the 3DAP data

can be clearly visualised. The isosurface of Fig. 2a

clearly shows that a planar barrier layer has not been

formed in the under-oxidised sample, but rather that

islands of oxide (high Al + O concentration) were

present. Apart from within the islands, the Al and O

content within the film was low, although some slight

enhancement of the Al and O level was observed along

lines between the islands (seen faintly in Fig. 2a). The

chemistry of the oxidised islands can be quantified in

more detail by constructing composition–depth profiles

through the region marked by the isoconcentration

5 nm

a)

b)

Fig. 1 HREM cross-sectional images showing the morphology
of the barrier (a) in the under-oxidised as-deposited sample and
(b) in the fully oxidised sample after annealing at 250 �C for 4 h.
Micrographs reproduced with permission from J Appl Phys
98:124904 � 2005, American Institute of Physics

a)

b)

c)

d)

5 nm

Fig. 2 3DAP isoconcentration surface reconstructions showing
the morphology of the barrier in the under-oxidised sample (a)
as deposited and (b) after annealing for 4 h at 250 �C, and in the
fully oxidised sample (c) as deposited and (d) after annealing.
(a), (b) and (d) reprinted with permission from J Appl Phys
98:124904, � 2005, American Institute of Physics
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surface, and these are shown in Fig. 3. Note that the

film growth direction is from right to left in the com-

position profiles. It is clear that the islands observed in

the under-oxidised sample are far from being stoichi-

ometric Al2O3, having a considerable Co content (of

the order of 25 at.%) and an Al:O ratio of ~2:1, as

shown in Fig. 3a. The profile also shows clearly that the

oxidised regions extend several nanometres in a

direction normal to the barrier plane. The total Al

content in the 3DAP data corresponds approximately

to that expected for a 0.6 nm thick layer.

The effect of annealing the under-oxidised sample is

shown in Figs. 2b and 3b. Following annealing the

more heavily oxidised islands have extended to form a

connected network across the sample, resulting in a

greater area of oxide tunnel barrier. A further result of

the annealing process is that the extent of the oxidised

regions normal to the barrier plane has decreased, as

shown in the composition profile of Fig. 3b. The com-

position profile also shows that the Al:O ratio in the

central ~1 nm or so of barrier has not changed signif-

icantly after annealing, but that the concentration of

both elements increased and that of Co decreased.

From more detailed work on other under-oxidised

films, it was found that the number of oxide islands

increased with increasing oxidation time [19]. The lat-

eral and vertical (i.e. perpendicular to the barrier

plane) extent of the oxide islands was also observed to

increase, reaching a size that extended several nano-

metres in a direction normal to the barrier plane. In the

fully oxidised case, the oxide is seen to have extended

to the stage where it almost forms a network in the

barrier plane, even before annealing, as shown in

Fig. 2c). Some Al and O are observed between the

extended islands, along lines that would tend to extend

the network further, as seen in the composition map.

However, some Al and O are observed across the

whole width of the film. For example, in the area that is

seen to have the least Al + O from Fig. 2c, 211 Al

atoms and 154 O atoms were observed from an area

5 · 5 nm in the plane of the barrier, and a depth of

5 nm corresponding to the barrier position. (Al and O

atoms were broadly distributed in depth at this loca-

tion, rather than being confined to a narrow depth as

might mark the original surface.) A composition profile

through the island, Fig. 3c, shows that the chemistry of

the barrier is not very different to the under-oxidised

case, although there is some oxidation of the underly-

ing Co. A significant level of Co remains (Al:Co

approximately 1, as in the under-oxidised case).

Only after annealing of the fully oxidised sample is a

continuous barrier layer formed, Fig. 2d, with a thick-

ness of approximately 1 nm (full-width at half maxi-

mum of the O peak in the composition profile of
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Fig. 3 Composition depth
profiles across the barrier
oxide from the 3DAP analysis
of the under-oxidised sample
(a) as deposited and (b) after
annealing for 4 h at 250�C,
and from the fully oxidised
sample (c) as deposited and
(d) after annealing. In these
composition profiles, the
growth direction is from right
to left. (a), (b) and (d)
redrawn with permission from
J Appl Phys 98:124904, �
2005, American Institute of
Physics
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Fig. 3d). The Al:O ratio in the barrier was measured to

be ~0.60 (i.e. close to stoichiometric Al2O3) although

the barrier region still contains about 20 at.% Co. In

addition, a long tail in the oxygen content can be seen

extending ~3.5 nm into the underlying CoFe layer,

with an oxygen concentration of about 17 at.%. It is

interesting that the profile shows a distinct plateau in

the composition: although there is no equilibrium Co

oxide phase at this composition, this suggests a meta-

stable phase formation. Some oxidation of the upper

CoFe layer is also evident, with the oxygen profile

rising before that of aluminium. Clearly, the Al in the

barrier has acted as a getter during annealing, collect-

ing free oxygen that was trapped in the rest of the film

following the longer oxidation treatment. This getter-

ing behaviour is well known: for example Lehnert et al.

showed that the barrier in a Nb–Al/AlOx/Nb tunnel

junction increased in thickness on annealing, even

when the anneal was performed in nitrogen or after a

nitridation treatment that would prevent residual

oxygen entering the structure [23]. In the present case,

the additional oxygen allows the barrier to complete

the oxidation and form a layer that is close to the

expected Al:O ratio of 2:3.

Discussion

The experimental results provide clear evidence that

the barrier morphology develops from one consisting

of individual, isolated islands, to an interconnected

network on the length scale of the grains in the

underlying CoFe layer, and finally (on annealing) to a

continuous layer. However, it should be remarked that

this evolution from isolated particles to a layer is

contrary to what would normally be expected, since a

flat layer is metastable against surface energy driven

spherodisation, which in a general case would drive the

system towards spherical islands. Thus it is clear that

even if the continuous layer that is observed after full

oxidation and annealing is highly metastable, the initial

state is even more metastable. What has been observed

is clearly part of a rather complicated trajectory

towards the final thermodynamically stable state of

large isolated Al2O3 particles. In this section we con-

sider the different stages of the process and the factors

that lead to the formation of the planar barrier layer,

which are illustrated by the schematic of Fig. 4.

Zhou and Wadley have simulated the sputter

deposition of Al onto a Ni65Co20Fe15 substrate, and

(b)

(c) (d)

oxide islands

Al+O
atoms

triple
point

triple
point

C
oF

e
fil

m

Al (+Co)
film

grain
boundary

plane

(a)Fig. 4 Schematic diagram
showing the different
morphologies observed for
the oxide barrier in the MTJ
structure after the various
stages in the fabrication
process: (a) Al layer
deposition, (b) partial
oxidation, (c) full oxidation
and capping; and (d)
annealing. Top row shows
plan views from the barrier
plane downwards, while the
bottom row shows cross-
sectional views through the
centre of the structure
(cutting though a grain
boundary)
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show that it forms a continuous layer [24]. Calculations

of Al deposition on a Co90Fe10 substrate give similar

results [25]. This is to be expected, given the lower

surface energy of Al, as is shown quantitatively by

Zhou and Wadley [24]. However, these simulations

were performed assuming a relatively flat substrate.

The underlying CoFe layer in the experimental struc-

tures shows a high degree of [111] crystallographic

texture and considerable grain boundary grooving

leading to a rough, wavy surface onto which the Al is

deposited (Fig. 1a). Given the low surface energy of

Al, it is likely to act in a similar way to Cu deposited

onto CoFe and smooth any correlated roughness in the

underlying layer [26]. However, the limited thickness

of the Al deposited will not be sufficient to fill in the

‘grooves’ at the grain boundaries in the underlying

layer, and is therefore likely to only partially cover the

surface, Fig. 4a.

It has been shown that depositing Al onto Co pro-

duces an intermixed region about 1 nm wide [27, 28].

(The difference in Al and Co surface energies mean

that the intermixing when Co is deposited on Al is even

greater.) This is consistent with the high degree of

solubility of up to 15 at.% Al in fcc Co–Fe [29], and the

formation of a CoAl intermetallic phase over of broad

range of compositions [30]. Although neither of these

are exactly what we observe in the 3DAP, they indicate

that the energy of intermixing of Co and Al is low, and

so it is not surprising that intermixing occurs during a

low temperature, non-equilibrium growth, technique

such as sputtering. (The intermixing was not predicted

by the simulations of Zhou and Wadley, probably

because they used very low simulated Al ion energies

during this stage of the process.) Therefore, the nom-

inally 0.6 nm Al deposited in the present structures

would be expected to form a intermixed Al + Co fcc

layer, probably showing less correlated roughness on

the top surface than at the lower interface.

Oxidation of the Al (+ Co) layer proceeds via the

formation of an oxide which not only retains a high

level of Co, but also contains much less oxygen than

would be expected given the stable Al2O3 stoichiom-

etry. This may be considered surprising: whereas the

native oxide in silicon is usually termed SiOx, few

references use similar terminology for the low tem-

perature oxide of aluminium. Indeed, the high heat of

formation would lead to the assumption that the stable

stoichiometry is formed immediately. However, in the

case of oxidation of the barrier layers, the supply of

oxygen is limited and this, together with the presence

of substantial quantities of Co, is likely to prevent the

formation of the stable oxide composition. Thus, it is

common in the field of MTJ structures formed by low

pressure, low temperature oxidation to refer to AlOx

barriers. It should be noted that CoO and Al2O3 form a

mixed oxide [31], and although this is clearly not what

is present here, it makes it less surprising that a sig-

nificant level of Co remains present within the barrier

of these highly metastable structures, even after

annealing.

Using molecular dynamics calculations, Zhou and

Wadley simulate the oxidation of an Al layer on a

Ni65Co20Fe15 substrate, and show that for layers of

0.6 nm or less, the layer de-wets under oxidation to

form isolated oxide islands [24]. Thus, even if our ini-

tial Al(+ Co) layer does form a continuous layer, it is

expected that the oxidation will result in the formation

of islands. Simulating oxidation on an Al layer with

some degree of roughness, the thinner regions of the

Al layer are the first to de-wet, with the oxide islands

forming at positions where the initial Al layer was the

thickest [24]. This de-wetting is driven by the surface

energy change, since the Al surface energy is low but

both the Al oxide surface energy and the metal/oxide

interface energy are high. Zhou and Wadley calculate a

wetting angle of cos–1(–0.56) = 124�, although their

calculated surface energies are somewhat high: for

example they calculate a Al2O3 surface energy of

0.341 eV/Å2 (5.5 J m–2). Despite this, and despite the

fact that their calculations are for pure Al oxide rather

than for a mixed Co–Al oxide, a wetting angle of

around 90� would be reasonable. Our 3DAP results are

consistent with the view that the oxide is in the form of

islands on the surface of the CoFe, although in the

presence of correlated roughness the initial film may

not be continuous. The oxide would form at the initial

position of the metal, at grain boundaries and triple

points in the underlying CoFe layer, Fig. 4b and c.

Should a continuous metal film be present initially, it

would still be thicker in these regions. Thus the initial

stages of oxidation would again result in isolated is-

lands located at the triple points, Fig. 4b where the Al

(+ Co) layer is thickest. Further oxidation, which will

increase the volume of the oxide layer, allows it to wet

the grain boundary groove formed by the correlated

roughness, Fig. 4c, thus forming a network on the

surface of the CoFe before it is capped by further CoFe

deposition. A similar process occurs in the under-oxi-

dised material on annealing, with additional driving

force provided by the consumption of Al and O that

appears to penetrate a small distance into the grain

boundary region, and is observed between the islands.

On annealing the fully oxidised sample, the network

of oxide that delineates the grain boundaries is seen to

‘heal’ to form a continuous layer. This involves

the creation of a significant amount of metal/oxide
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interface, and so appears to be energetically unfa-

vourable. There will however be a number of factors

that may reduce the overall energy cost of creating the

extra metal/oxide interface. Given the contamination

of the underlying CoFe, first by the Al deposition and

then by oxidation, it is likely that subsequent growth of

the top CoFe layer will not be epitaxial, even between

the oxide islands that have formed, though the (111)

texture will largely be maintained by the lower energy

of the Co[111] surface. Thus, the original CoFe surface

will become a twist grain boundary, contributing some

interface energy to the as-deposited state which will be

recovered when the continuous oxide layer is formed

following annealing. However, this effect is likely to be

only a small contribution: the grain boundary energy is

likely to be around 0.7 J m–2 [32] relative to a CoFe/

Al2O3 interface energy, which is not much lower that

the Al2O3 surface energy, which has been estimated at

around 1.7 J m–2 for c alumina [33]. (The ‘quasi-

amorphous’ c-alumina surface energy is used here, as

opposed to that for a-alumina [34], since the amor-

phous barrier layers are considered to be closer to the

former structure. For example, atomic spacings mea-

sured from radial distribution functions of such layers

are found to be closer to that in c-alumina [35].

Amorphous alumina is also seen to crystallise to c-

alumina rather than a-alumina [36]). Of course, it

should be taken into account that the oxide is not

Al2O3 but contains a significant amount of Co, and this

is likely to reduce the oxide/metal surface energy.

Nonetheless, it is would not be reasonable to expect

the interface energy between the amorphous oxide and

the crystalline metal to be half of the CoFe grain

boundary energy, which would be required for wetting.

Another factor is the presence of aluminium and oxy-

gen at the grain boundaries in the underlying CoFe

layer, which will release energy as the oxide forms a

continuous layer and incorporates those atoms. This is

potentially a very significant contribution. Taking the

measured oxygen coverage of 6.2 · 1018 atoms/m2 in

the region between the islands in the as-deposited

unannealed film, and a formation energy for Al2O3 of

1690 kJ/mol [37], complete reaction of these O atoms

with pure Al would generate about 5.8 J m–2 in react-

ing with Al. However, it is not clear how much of this

energy would be available. Not only is the oxide al-

ready partially reacted, so that the heat of formation to

complete the reaction is likely to be lower, but the O is

present with Al and likely to be bound to it, and to the

CoFe. For example, the heat of formation of CoO is

nearly 239 kJ/mol [37], which is over 40% of that for

Al2O3 per mole of oxygen, meaning that less energy is

available for the completion of aluminium oxidation.

In addition, the Al:O ratio for the regions between the

barrier is approximately 4:3, very similar to that for the

barrier, so it is not clear that incorporation of this

material would provide the necessary driving force for

the oxide to form a continuous layer.

There are however other factors that could come

into play to drive the oxide to form a continuous layer.

One possible mechanism is the healing of holes in an

oxide which is observed by Zhou et al. during the

simulation of oxidation of Al on a Ni65Co20Fe15 sub-

strate [38]. In these simulations, transient holes are

found to open in the growing oxide as the initial stage

of de-wetting, but these then self-heal as the oxide

layer becomes thicker. The driving force for the heal-

ing of these holes is the surface energy of the side-wall

of the hole: as the film becomes thicker, this energy

term becomes larger and it becomes energetically

favourable for the hole to close. Although these sim-

ulations were carried out for the case of a growing

oxide film with a free upper surface, a simple model

can be used to illustrate this further for an encapsu-

lated film. Assume an oxide layer of thickness h

encapsulated in metal, such that the metal/oxide

interface energy is c, in which there is a cylindrical hole

of radius r. The change in energy of the system in

forming the hole is given by the interface energy of the

edge of the hole, less the interface energy of the layer

that has been removed

DE ¼ 2prhc� 2pr2c ð1Þ

As shown in Fig. 5, the change of energy is positive

for small hole sizes, but negative for large holes: the

equilibrium state is for the layer to break up but if a

sufficiently small hole forms, it will self-heal. The
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critical hole size, below which holes will not grow, is

easily calculated to be h/2. Therefore, for our oxide

layer with a thickness of about 1 nm, this mechanism

would only close holes of 1 nm diameter or less and

does not explain the closure of holes nearly 10 nm in

diameter. Of course, this calculation makes a number

of major simplifications: in particular it assumes that

the metal/oxide interface energy is the same for the top

and bottom of the layer and at the edge of the hole.

This seems a reasonable assumption for an interface

between a metal and an amorphous oxide, but does not

take into account the presence of the twist grain

boundary in the hole, between the upper and lower

metal layers, or of oxygen trapped in the lower CoFe

layer and at the in-plane CoFe grain boundary, as

described above. These would effectively reduce the

energy of the lower metal/oxide interface. If we assume

that the oxide is on a grain boundary with an effective

interface energy of cgb (including the effects of trapped

oxygen), the energy of the hole is modified from that

given in Eq. 1 and is now

DE ¼ 2prhc� pr2 2c� cgb

� �
ð2Þ

which gives an increase of the critical hole size by a

factor of 2c /(2c – cgb) over the simple model. Fig-

ure 5 shows the results of this equation for the case of

c = 1 J m–2 and cgb = 0.75 J m–2, which still only

predicts healing to occur for holes smaller than

1.6 nm in diameter, and is not sufficient to explain the

hole healing observed in the experiments. Both pre-

vious expressions assume a square-edged hole, which

is energetically unrealistic, but a more realistic roun-

ded profile would decrease the surface area and thus

the energy contribution from the hole. This would

therefore have the effect of reducing the critical hole

size.

It must also be realised that the barrier layer is not

a closed system but, through gettering oxygen from

the rest of the film, the oxide is growing during the

annealing process. During this growth, strain energy

will be generated in the matrix by the expansion of

the oxide, as it converts from a Al:O ratio of

approximately 2:1 to the stoichiometric ratio of 2:3.

The overall expansion between Al and Al2O3 is about

30%, which although smaller than the volume

expansion of 150% on oxidation of Si, is nonetheless

significant. Nabarro gives the matrix strain energy

per unit volume of an ellipsoidal incompressible

particle as

DEs ¼ 2=3l DVð Þ2 f c=að Þ ð3Þ

where DV is the relative change in volume, l is the

shear modulus for the matrix, and f(c/a) is a function

that takes into account the shape of the particle, being

1 for a sphere, 3/4 for a needle and 0 for an infinitely

thin disk [39]. Thus, in the presence of significant

strain energy, the energy can be reduced by a shape

change of the particle, and this will compensate to

some degree for the increase in the surface energy. In

the case where the particle is compressible, the

equation for the strain above is modified by a factor

of

3jp

3jp þ 4l
� � ð4Þ

where jp is the bulk modulus of the particle. The factor

in Eq. 4 tends to 1 in the case where jp >> l [40].

Taking standard values of jp = 165 GPa and

l = 75 GPa gives a factor of 0.625.

The effect of this strain term on the energetics of the

particle is shown in Fig. 6 for the case of a ellipsoidal

particle of constant volume, equivalent to a 2 nm

radius spherical particle, with a surface energy of

1 J m–2. Two of the ellipsoid radii (a, b) are kept equal,

and these are in the plane of a grain boundary of

energy 0.75 J m–2, this energy being released if the

particle grows across the plane of the boundary. The

third radius, c, is normal to this plane, and is allowed to
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Fig. 6 Surface and strain contributions to the total energy of a
confined ellipsoidal particle that undergoes a volume expansion
of 20%, as a function of the c/a ratio. The particle is taken to
have an interface energy of c = 1 J m–2 and be sited on a grain
boundary of energy cgb = 0.75 J m–2
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vary such that the particle changes from a thin flat plate

(c/a < 1) to an elongated rod (c/a > 1). The presence

of the grain boundary biases the surface energy term,

making a plate-shaped particle the preferred shape in

the absence of strain. However, this is only a limited

effect, the minimum in the surface energy occuring for

c/a = 0.7. Reduction of strain energy for the plate-

shaped particle has a significant effect, producing a

minimum in the total energy at a c/a ratio of around

0.2, where the plate thickness is a little over 1 nm and

the diameter is close to 7 nm. While this diameter is

smaller that the average grain size, it suggests that this

effect would be sufficient to spread out the oxide to a

level where the hole healing effect would start to play a

part, closing the final pinhole and forming a continuous

layer.

Although not producing a single unified analytical

description for the energetics of the network of oxide

islands closing to form a continuous layer, the discus-

sion above strongly suggests that sufficient driving

force for the process does exist. Even neglecting the

possible effects of the oxygen trapped at the grain

boundary between the islands, by taking into account

the presence of a grain boundary at the original sur-

face, the effect of strain and the closure of pinholes due

to the energy of the edge of the hole, the spreading of

the oxide to form a continuous layer can be shown to

be energetically favourable for realistic values of the

metal/oxide interface energy (1 J m–2). However, this

metal/oxide interface energy only seems plausible

because of the presence of a substantial amount of Co

in the oxide, which produces a graded interface and

reduces the interface energy from the value that would

be expected in the case of a Co/Al2O3 interface.

Indeed, the observation that the oxygen extends fur-

ther vertically across the barrier than the aluminium

(especially into the lower Co layer) suggests there is

more of a core-shell structure to the oxide after

annealing, the core being Al-rich and the shell being

richer in Co. This may be formed naturally as the Co

from the centre of the barrier is rejected to bring the

oxide composition closer to Al2O3. However, the result

would be that the Co-enriched shell would produce a

lower interface energy.
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